Abstract: Udimet 188 was subjected to thermomechanical processing~TMP! in an attempt to understand the effects of cold-rolling deformation on the microstructure and tensile-creep behavior. Commercially available sheet was cold rolled to varying amounts of deformation~between 5-35% reduction in sheet thickness! followed by a solution treatment at 1,464 K~1,1918C! for 1 h and subsequent air cooling. This sequence was repeated four times to induce a high-volume fraction of low-energy grain boundaries. The resultant microstructure was characterized using electron backscattered diffraction. The effect of the TMP treatment on the hightemperature @1,033-1,088 K~760-8158C!# creep behavior was evaluated. The measured creep stress exponents 6.0-6.8! suggested that dislocation creep was dominant at 1,033 K~7608C! for stresses ranging between 100-220 MPa. For stresses ranging between 25-100 MPa at 1,033 K~7608C!, the stress exponents~2.3-2.8! suggested grain boundary sliding was dominant. A significant amount of grain boundary cracking was observed both on the surface and subsurface of deformed samples. To assess the mechanisms of crack nucleation, in situ scanning electron microscopy was performed during the elevated-temperature tensile-creep deformation. Cracking occurred preferentially along general high-angle grain boundaries~GHAB! and less than 25% of the cracks were found on low-angle grain boundaries~LAB! and coincident site lattice boundaries~CSLB!. Creep rupture experiments were performed at T ϭ 1,088 K~8158C! and s ϭ 165 MPa and the greatest average time-to-rupture was exhibited by the TMP sheet with the greatest fraction of LABϩCSLB. However, a clear correlation was not exhibited between the grain boundary character distribution and the minimum creep rates. The findings of this work suggest that although grain boundary engineering may be possible for this alloy, simply relating the fraction of grain boundary types to the creep resistance is not sufficient.
INTRODUCTION
Udimet 188~also known as Haynes Alloy 188 and UD 188! is a commercially available cobalt-based superalloy containing nickel, chromium, and tungsten as its primary alloying elements. It exhibits good fabricability and an attractive balance of tensile properties and creep and oxidation resistance up to 1,366 K~1, 0938C!~Herchenroeder et al., 1972; Whittenberger, 1992 Whittenberger, , 1994 Chen et al., 2001; Zhu et al., 2002; Lissenden et al., 2004 !. Due to its attractive properties, it is used in gas turbines, combustors, flame holders, liners, and transition ducts.
It has been shown previously that strongly textured recrystallized sheets result in a significant improvement in the low-strain creep strength over untextured sheets. The thermomechanical processing~TMP! schedule that produced optimum results consisted of 80% final cold work followed by annealing at 1,505 K~1,2328C! for 10 miñ Klarstrom, 1980 !. Previous work evaluated the processingmicrostructure-property relationships of Udimet 188~Boeh-lert et al., 2008a!. In particular, the effect of cold rolling CR! on the microstructure and high-temperature creep behavior was evaluated. The overall goal was to change the grain boundary structure in a manner that would decrease the minimum creep rates and increase the creep rupture life. It was found that the 10% CR and 25% CR materials exhibited greater creep resistance that the 35% CR materials. However, an optimal microstructural and TMP treatment was not identified.
The current work targeted TMP treatments surrounding the 10% CR and 25% CR conditions in an attempt to clarify processing-microstructure-property relationships and determine a TMP schedule that would result in optimal creep performance. As the mechanical deformation, creep behavior, and corrosion resistance of other face-centered cubic~fcc!-based superalloy systems have been improved through grain boundary character alteration~Watanabe, 1984; Palumbo & Aust, 1989 Cheung et al., 1994; Lin et al., 1995; Lehockey et al., , 1998 Thaveeprungsriporn & Was, 1997; King & Schwartz, 1998; Was et al., 1998; Alexandreanu et al., 2001; Krupp et al., 2003 Krupp et al., , 2004 Dave et al., 2004; Boehlert et al., 2006!, there is the potential to improve the creep performance of Udimet 188 using grain boundary engineering strategies. For example, Lehockey and Palumbo~1997! have shown that a high fraction of low-angle boundaries and coincident site lattice boundaries LABϩCSLB! significantly enhances resistance to creep of pure nickel at elevated temperature. In their study, voids and cavitations appeared almost exclusively along general high-angle boundaries~GHAB!.
EXPERIMENTAL
The TMP schedules performed on Udimet 188 are shown in Table 1 . After each cold-rolling pass, a heat treatment at 1,464 K~1,1918C! for 1 h was performed. Full recrystallization was achieved during the heat treatment based on hardness measurements and electron microscopy observations. Each TMP sheet was sectioned and metallographically polished before spatially resolved electron backscattered diffraction~EBSD! orientation maps were obtained using hardware and software manufactured by EDAX-TSL, Inc. Mahwah, NJ, USA!. The specimens were ground mechanically using 15 mm, 6 mm, and 1 mm diamond suspension for 20 min, respectively, and then polished using 0.06 mm colloidal silica. The step size used to obtain the EBSD orientation maps ranged between 0.5-2 mm, and over 1,000 grains were analyzed per orientation map. Brandon's criterion~Brandon, 1966! was used to distinguish between GHAB and CSLB. The grain boundary character distributioñ GBCD! was obtained using the measured fractions of GHAB having a misorientation greater than 158!, LAB~having a misorientation less than 158!, CSLB~the reciprocal of the fraction of coincident atomic sites between two grains at the grain boundary for S5 to S27, where a boundary with one coincident atom site in every five is denoted S5!, and twins S3 having one-third coincident sites!. These measurements were averaged from several orientation maps taken from the three sheet orientations, namely longitudinal~thickness section parallel to the rolling direction!, transverse~thickness section perpendicular to the rolling direction!, and face~top and bottom sections that touched the rollers!. Figure 1 illustrates the three orientations of the sheets where EBSD measurements were made. It is noted that no EBSD data cleanup procedure was used in the analysis. The precipitate volume fractions were determined using ImageJ image analysis software on backscattered electron~BSE! scanning electron microscope~SEM! images acquired using a CamScan44FE Field Emission SEM and an FEI XL-30 FEG SEM. The grain size was determined using the line-intercept method~Hill-iard, 1964; ASTM Designation E112-96e3, 2004!.
Tensile-creep specimens containing a gage width of 12.5 mm and a gage length of approximately 37 mm were machined from the TMP sheet materials using either electrical discharge machining~EDM! or milling with the tensile axis parallel to the rolling direction. Prior to creep testing, the EDM recast layers were removed through polishing to a finish of approximately 15 mm~600 grit!.
Conventional creep and creep rupture experiments were performed in air using constant-load vertical creep frames manufactured by Applied Test Systems, Inc.~Butler, PA, USA!. The creep experiments were performed at temperatures between 1,033-1,088 K~7608C-8158C! and stresses between 25-220 MPa. The temperatures and creep exposure times were low enough to avoid significant microstructure/ phase instability such as the M 6 C carbide transformation to M 23 C 6 . These stresses were between 0.05-0.45 of the 7608C ultimate tensile stress~Boehlert et al., 2008a!. Specimen temperatures, which were monitored using two thermocouples strategically placed within the gage section, were kept within 3 K of the target temperature, and strain was monitored using a linear variable differential transformer on a 25 mm gage-length high-temperature extensometer. In addition, two creep rupture experiments were performed at a temperature of 1,088 K~8158C! at a stress of 165 MPa for each TMP sheet. An extensometer was not used for the creep rupture experiments, and only the time to rupture was recorded. However, based on the extensions of the samples measured after the experiments!, a minimum elongation of 25% was reached prior to failure. All tests were conducted such that the time to reach the maximum creep load was less than 5 s, and the time, load, temperature, and strain were recorded periodically throughout the experiments. During the creep experiments, after the creep strain had proceeded well into the secondary regime, the load was increased or the creep test was discontinued. The tested specimens were cooled under load to minimize recovery of the dislocation substructure. After the experiments were terminated, the fracture surfaces of the fractured samples were examined using SEM. In addition, the gage sections of both fractured and intact samples were prepared metallographically for SEM imaging. It is noted that repeat creep experiments on selected sheets were performed under identical conditions to evaluate the repeatability of the creep strain-life behavior.
Constant-load, in-situ tensile-creep experiments were performed using a screw-driven tensile stage built by Ernest F. Fullam, Inc.~Clifton Park, NY, USA! placed inside the chamber of a FEI XL-30 FEG SEM. Polished samples were radiantly heated using a 6 mm diameter tungsten-based heating element placed just below the gage section of the sample. The temperature, monitored by a thermocouple spot-welded directly to the sample's gage section, was maintained within 7 K of the target temperature throughout the experiments. The samples were held at temperature for 30 min prior to loading to minimize the thermal stresses.
The load-displacement-time relationship was continuously monitored using MTESTW version F 8.8e data acquisition and control software~Admet, Inc., Norwood, MA, USA!. As the pressure within the SEM chamber never exceeded 3 ϫ 10 Ϫ6 torr, oxidation did not significantly affect the in situ secondary electron~SE! imaging characterization. Such experiments lasted up to 72 h, and no phase instability was observed during the experiments. At selected intervals during these experiments, SE images were obtained from the same areas of the sample without interrupting the creep experiment. Although the samples were not etched, grain boundaries were visible using SE imaging at temperatures above 873 K~6008C!. For the 35% CR-A sample tested at T ϭ 1,033 K~7608C! and s ϭ 220 MPa, EBSD orientation maps were acquired prior to and after the tensile-creep deformation on the same areas. To optimize the EBSD maps after the creep exposures, the sample surface was slightly polished with colloidal silica to remove any oxide layers present. TEM foils were prepared by polishing samples through the face orientation~see Fig. 1 ! to a thickness of approximately 150 mm and then punching 3 mm diameter disks. The disks were electropolished with a 90% acetic and 10% perchloric acid solution at a temperature of 287 K~148C!, a voltage between 22-27 V, and an amperage of 50 mA. TEM images were taken using a Hitachi HF-3300 TEM/scanning TEM at 300 kV to verify the crystal structure of the matrix and the shape and size of the precipitates. In addition, the dislocation distribution was examined in the creep-deformed samples.
RESULTS AND DISCUSSION

Microstructure
The measured alloy composition is shown in Table 2 . Figure 2 illustrates BSE SEM images of the TMP microstructures. Each microstructure exhibited a small amount~2-5%! of homogeneously-distributed fine spherical precipitates, believed to be M 6 C or M 23 C 6 carbides~Herchenroeder et al., 1972!. Although some of the precipitate reached up to 8 mm, most of them were finer than 1 mm. It is also noted that the grain boundaries were intact and not cracked after the TMP.
Figures 3 and 4 illustrate EBSD data for each TMP sheet. Pole figure analysis~Fig. 3! indicated that the TMP microstructure was not strongly textured. The image quality maps Fig. 4 ! indicated that the grains were equiaxed and a significant volume fraction of twins were observed in the microstructures. Table 3 lists the fractions of LAB, GHAB, CSLB, and S3 boundaries for each TMP microstructure. The greatest fractions~0.51-0.76! were for CSLB. The maximum fraction of twins, which constituted the vast majority of the CSLB, was 0.64 and 0.62 in the 5% CR and 35% CR-A microstructures, respectively. These sheets also exhibited the greatest fraction of CSLB~0.76 and 0.75! and CSLBϩLAB~0.80 and 0.78!.
From the statistical percolation physics of threedimensional grain boundary engineering, crack percolation along weak boundaries is possible if the CSLBϩLAB fraction is less than 0.78~McGarrity et al., 2005!. Thus, the ability of a crack to percolate through the material along weak boundaries would be expected to diminish as the CSLBϩLAB fraction approaches this threshold. This is important as the creep resistance, and especially the creep rupture lives of structural alloys, which exhibit intergranular cracking as a dominant mode of failure, would be expected to increase whenever crack percolation is prevented or disturbed. The 35% CR-C and 35% CR-B microstructures exhibited the lowest CSLBϩLAB fractions~0.61 and 0.63, respectively!, which in turn would infer that these two TMP schedules would provide the worst creep resistance. This was evident in the creep strain-life behavior~see Fig. 5a !. However, overall there was no specific trend of special boundary fraction versus creep resistance, and therefore the results of this work could neither confirm nor deny the modeling efforts of McGarrity et al.~2005!. Figure 2. Characteristic microstructural BSE SEM images for the~a! 5% CR,~b! 10% CR,~c! 15% CR,~d! 25% CR, e! 35% CR-A,~f! 35% CR-B, and~g! 35% CR-C samples. It is noted that these materials underwent four rolling passes at room temperature~RT! followed by the same heat treatment @1,464 K~1,1918C! for 1 h# between passes.
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Creep Behavior
Conventional Creep Experiments
The creep strain-life history resembled that for most metals exhibiting three stages of creep: primary, secondary, and tertiary~Evans & Wilshire, 1985; Hertzberg, 1996!. Once the creep stress was reached, there was usually a short incubation period before a positive creep strain rate was achieved. Figure 5a illustrates creep strain versus time plots for each of the TMP conditions at T ϭ 1,033 K~7608C! and s ϭ 100-130 MPa for a load jump experiment. The creep strainlife behavior was repeatable as two specimens from a 5% CR sheet were tested under identical stresses and temperatures, and the strain-life behavior is shown in Figure 5b . The 5% CR and 35% CR-A samples exhibited creep resistance similar to that for the 10% CR and 25% CR sheets at all of the applied stresses evaluated. Each of these sheets exhibited creep resistance greater that the 15% CR, 35% CR-B, and the 35% CR-C sheets. It is noted, however, that a systematic trend between the LABϩCSLB fraction and the creep resistance was not observed.
For all of the specimens tested, the minimum creep rates were averaged and these values were used for calculating the creep stress exponent~n! using the power law creep equation:
where A is a constant, s is the applied stress, R is the gas constant, T is the absolute temperature, and Q app is the apparent activation energy. Figure 6a -c illustrates a log minimum strain rate versus log stress plot used to calculate the n-value for each specimen, and Figure 6d is a natural logarithm of the minimum strain rate versus inverse temperature plot used for calculating the Q app values. The experimentally-determined creep exponents fell in the range of 6.0-6.8 at high stresses, while at low stresses the exponents ranged from 2.3-2.8. The minimum creep strain rate-applied stress-temperature relationship suggested that two different secondary creep deformation mechanisms were active based on the n values. These parameters suggested that dislocation creep controlled by lattice self-diffusion is the rate controlling creep mechanism between 100-220 MPa. This is consistent with TEM observations of dislocations present in a creep deformed specimen~T ϭ 1,033 K 7608C!, s ϭ 220 MPa, and « total ; 12.5%!~see Fig. 7 !. Below 100 MPa, the low n value suggests that grain boundary sliding may control the creep rate, based on creep theory for pure metals~Langdon, 1970; Crossman & Ashby, 1975; Evans & Wilshire, 1985!. In this regime, the Q app values were significantly lower than those within the higher stress regime. This suggests that grain boundary diffusion may be predominant at lower stresses, while lattice selfdiffusion may be controlling at higher stresses. Grain boundary cracking was evident in all the samples independent of stress level. For fcc and hexagonal close-packed systems, dislocation movement in the grain boundaries has been observed by a combination of glide and climb~Lee et al., 1990!. Langdon~1970! proposed that sliding occurs by the glide and climb of extrinsic lattice dislocations in grainboundary zones and is related to the buildup of dislocations near grain boundaries. The stress concentration caused by grain-boundary dislocation pileup can be relieved by activating grain-boundary dislocation sources or by nucleating and propagating an intergranular crack. Thus, cracking can serve as an accommodation mechanism for grain boundary sliding, and grain boundary sliding may have been an active mechanism in both the high-and low-stress regimes.
Creep rupture experiments were performed at T ϭ 1,088 K~8158C! and s ϭ 165 MPa. The average creep rupture times, provided in Table 4 , varied between 83-97 h. The 5% CR sheet material exhibited the greatest average creep rupture life. Thus, the microstructure with the greatest fraction of LABϩCSLB exhibited the greatest average creep life. However, no systematic trend was exhibited with respect to the LABϩCSLB fraction and creep rupture life. Each of the ruptured samples exhibited at least 25% Figure 6 . Log minimum creep strain rate versus log stress plot for~a! each material at T ϭ 1,033 K~T ϭ 7608C! and 100 MPa Յ s Յ 220 MPa.~b! Log minimum creep strain rate versus log stress plot for 10% CR, 25% CR, and 35% CR-C at T ϭ 1,033 K~T ϭ 7608C! and 25 MPa Յ s Յ 100 MPa. Plot c combines the data from plots a and b for the 10% CR, 25% CR, and 35% CR-C samples. These plots were used to calculate the stress exponent~n!.~d! Natural log minimum creep rate versus inverse temperature used to calculate the apparent activation energy~Q app ! at two different stress levels~s ϭ 75 MPa and s ϭ 165 MPa!. Figure 7 .~a! Bright-field TEM image illustrating dislocations in the matrix and~b! corresponding diffraction pattern identifying the fcc phase @011# zone axis for a 35% CR-C sample creep tested at T ϭ 7608C and s ϭ 220 MPa, which achieved « total ; 12.5%.
The Microstructure and Creep Behavior of Udimet 188 357 elongation-to-failure, and mixed-mode fracture features, including both ductile dimples and brittle faceting, were observed on the fracture surfaces~see Fig. 8 !. Grain boundary cracking was observed on the ruptured samples both near and away from the fracture surfaces. There were no visible flaws or cracks along the grain boundaries after TMP, so these cracks developed due to creep deformation. 
In-Situ Creep Experiments
Grain boundary cracking was also observed for the samples tested using in situ creep experiments. This was evident in the SE SEM images in Figure 10 , and in the EBSD orientation maps in Figures 11 and 12 . Figure 10 illustrates SE SEM micrographs taken at increasing displacement values from the surface of an in situ creep specimen~35% CR-A! tested at T ϭ 1,033 K~7608C! and s ϭ 220 MPa. The grain boundary cracks propagated both perpendicular and parallel to the loading direction, though the widest cracks were on boundaries perpendicular to the loading direction. From these observations, it is clear that grain boundary cracking is an important deformation mode that leads to failure for this alloy. Figure 11 shows EBSD orientation maps before and after creep deformation for the sample area in Figure 10 . Figure 12 contains EBSD orientation maps before and after creep deformation of an area adjacent to that in Figures 10 and 11 . Between the two areas, over 900 boundaries were analyzed and of those cracked, 75% were GHAB. This implies that CSLB and LAB are significantly less susceptible to grain boundary cracking than GHAB during creep deformation of this alloy.
Combining the observations for all the samples examined~including well over 1,400 boundaries with approximately 350 cracked boundaries!, over 75% of the cracked boundaries were GHAB. This further verifies that CSLB and LAB are less susceptible to grain boundary cracking than GHAB during creep deformation of this alloy. However, simply relating the fraction of boundary types to the creep resistance in either the low-or high-stress regimes did not result in clear microstructure-property trends. Thus, a more in-depth investigation, perhaps involving the grain boundary cracking evolution with respect to the local GBCD network, is necessary to shed light onto how the creep resistance can be further improved. This, of course, would need to be combined with interrupted experiments for accessing the dislocation activity both near and away from the grain boundaries.
CONCLUSIONS
This work evaluated the effect of TMP on the microstructure and creep behavior of Udimet 188. The TMP treatment, which exhibited the most attractive combination of creep properties, was the 5% CR sheet. For the applied stresses and temperature evaluated, the measured creep exponents suggested that dislocation creep was the dominant creep deformation mechanism at high stresses, independent of the processing condition. For low stresses~s , 100 MPa!, grain boundary sliding was the suggested deformation mechanism. This alloy was susceptible to grain boundary cracking during creep deformation for all the processing conditions examined. Although the TMP treatment that exhibited the greatest fractions of LABϩCSLB also exhibited the greatest average time-to-rupture, no systematic trend was exhibited between the creep resistance and GBCD. However, cracking was more likely to occur on GHAB than LABϩCSLB, and these results imply that while grain boundary engineering may be possible for Udimet 188, an alternative to the approach of simply relating the TMP and the GBCD to the creep resistance is necessary.
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